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The tensile mechanical behaviour of quenched and annealed isotactic polypropylene (iPP) 
films has been analysed over a wide range of strain rates, i.e. from 10 -3 to 3 xl0+2s -1. 
Evolution of mechanical properties of such films versus strain rate has been analysed 
through the microstructure. Thus, both the Young's modulus and the yield stress could be 
mainly controlled not only by the crystallinity ratio but also by the physical cross-linking 
degree of the amorphous phase induced by crystalline entities. For a given crystallinity ratio, 
the drawability of quenched and annealed iPP films is mainly controlled by the sum of the 
effects induced by both the physical cross-linking degree of the amorphous phase and the 
perfection degree of the crystalline phase. The increase in annealing temperature leads to 
the opposite evolution of these two microstructural parameters and then to opposite effects 
on the drawability of films. Changes in original microstructure of quenched films induced by 
drawing at various draw ratios and at various strain rates are also discussed. 

1. Introduction 
There are many reports in the literature of work con- 
cerning the influence of the microstructure of semi- 
crystalline polymers on the mechanical properties, i.e. 
the elastic behaviour, the ability of plastic deformation 
and fracture toughness. Thus, studies of mechanical 
behaviour of such polymers focus on the effects of 
various physical or chemical agents which can change 
the original microstructure, such as thermal history 
imparted during processing [1-6], subsequent anneal- 
ings [6-10], physical ageing [11-13] and solvent 
treatments [14, 151 and radiation exposures [16]. 

It has been shown that tensile behaviour of semi- 
crystalline polymers could be governed by the molecu- 
lar weight [4, 5, 17, 18]. It was found that the plastic 
deformation ability of polymers depends not only on 
initial morphology and molecular characteristics, but 
also on both the test temperature and strain rate 
[4, 17-23]. 

Thus, the drawability of semicrystalline polymer 
increases with increasing experimental temperature. 
But such experiments must be considered with cau- 
tion, because microstructure could change with test 
duration. Thus, for test temperatures above or below 
the glass transition, Tg, crystallization (and/or anneal- 
ing treatments) or physical ageing could occur, respec- 
tively. On increasing the strain rate from 0.008 s- 1 to 
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8.3 s -1, Rolando et al. [4] have shown that poly- 
propylene films exhibit a drastic transition from duc- 
tile to brittle behaviour. Such a transition was also 
observed for other semicrystalline polymers [23] and 
also for amorphous polymers [24-26]. According to 
Rolando et al. [4], this dramatic transition could 
result from the decrease in the length of time necessary 
to adjust and absorb the applied load, on increasing 
the strain rate. Then, the two types of tensile behav- 
iour could result from two types of mechanical relax- 
ational processes. Thus, according to Roetling [22], 
the yield stress of amorphous polymers, over a wide 
range of strain rates and temperatures, can be de- 
scribed by the Ree-Eyring theory [27]. Then, at low 
strain rates, the yield point could be governed by the 
mechanical relaxation related to Tg and above a criti- 
cal strain rate, the yield stress could depend on the 
mechanical subglass transition. Based on such an 
analysis, Roetling [20] describes the yield stress be- 
haviour of isotactic polypropylene as the sum of the 
stresses due to two rate processes, i.e. the transition 
related to the glass transition and a process associated 
with the crystalline-phase melting temperature. 

However, such a description of tensile behaviour of 
both amorphous and semicrystalline polymers has 
certain limits. For example, according to the Roet~ 
ling's model [20, 22], the activation energy of the main 
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transition is considered to be constant whatever the 
temperature. But, it is well-known that this apparent 
energy is a function of temperature, in agreement with 
the WLF equation [28]. Moreover, in the description 
of the mechanical behaviour of semicrystalline poly- 
mers, the second process related to the melting 
of the crystalline phase invoked by Roetling [22] 
cannot be considered as a relaxation, because it is well 
known that melting is a first-order transition which is 
not frequency dependent. 

According to Jang et al. [29], the existence of the 
two types of mechanical behaviour exhibited by iso- 
tactic polypropylene could result from the two kinds 
of deformation mode. At high deformation rates or at 
low temperatures, crazing in the crystalline phase is 
favoured, while, at low rates or high temperatures, 
shear yielding predominates. This agrees with Olf and 
Peterlin's conclusion [30]. 

At low strain rate, on increasing the deformation 
ratio, De Candia et al. [6] have shown that the initial 
spherulitic morphology is destroyed for draw ratio 
above the yield point, because of the drastic reduction 
of the local section and consequently high stress con- 
centration. In agreement with Peterlin [31, 32], they 
propose that each spherulite could generate bundles of 
microfibrilles. Thus, according to Peterlin [31, 32], 
with increasing draw ratio, the Young's modulus and 
stress at break both change with the number of tie 
molecules. 

Moreover, some crystallographic phase transforma- 
tion could occur under high deformation as shown for 
polyethylene [33] and isotactic polypropylene [34, 
35]. Thus, according to Saraf and Porter [35], 
a uniaxial compression test performed on isotactic 
polypropylene at a draw ratio above 16 could induce 
an order-disorder transition in the crystals with 
formation of a disordered phase, so-called the "smec- 
tic" phase. Such a phase was found to improve the 
drawability of the polymer. 

Heat generation during drawing could also occur 
[36-38]. Thus, according to Peterlin [38], the defor- 
mational work in the neck of ductile materials could 
be converted to heat and then the local temperature of 
the sample increases in the neck. Consequently, the 
drawing of ductile materials occurs at a higher tem- 
perature than that of the environment, which is the 
drawing temperature. The extreme case, with no heat 
conduction to the environment, could occur at very 
fast drawing (adiabatic drawing). 

Based on the microstructure analysis reported in 
Part I [39J of this paper, the aim of this work was to 
obtain evidence for the main microstructural para- 
meters which govern the elastic behaviour and the 
drawability of quenched and annealed isotactic poly- 
propylene (iPP) films over a wide strain-rate range, i.e. 
f rom 10 -3  to 3 x lO+2s -1. 

2. Experimental procedure 
2.1. Materials 
Sheets of quenched isotactic polypropylene films with 
thickness of about 100 gm were provided by CRV 
Pechiney. The average molecular weight and polydis- 

persity index are, respectively, Mw = 250000 and 
lp = 4. Samples annealed for 10 min at 70 and 160 ~ 
were also tested over a wide range of strain rates. The 
microstructure of quenched and annealed samples was 
discussed in Part I of this paper [39]. Tensile test 
measurements were carried out on dog-bone-shaped 
specimens (5 mm wide and 33 mm long in the gauge 
section). 

2.2. Uniaxial tensile tests 
2.2. 1. Tensile tests at low strain rates 
Uniaxial tensile tests were performed at room temper- 
ature in an Adamel Lhomargy testing machine equip- 
ped with a strain gauge extensometer. Ten replicates 
were run at each strain rate. The reported data are the 
average values. Measurements were made at various 
crosshead speeds ranging from 10-950mmmin -1. 
Because the gauge length is 33 mm, these crosshead 
speeds imply strain rates from 0.005-0.5 s- 1. For each 
measurement, the load was increased just beyond the 
yield point which was taken as the peak of the 
load-elongation curye. 

The load-elongation curves were conver{ed into 
engineering stress-strain plots by dividing the meas- 
ured load on the sample by the initial cross-sectional 
area of th e sample and the elongation by the original 
gauge length. The engineering yield stress and strain 
are defined as (Yey and Sey. The yield point in the 
load-elongation curve may not be identical to the 
peak of the true stress-true strain curve. Thus, the true 
stress was determined as follows 

F(1 + ~) 
ct - (1) 

So 

where F is the load, se the elongation per unit length, 
and So the original cross-sectional area. The true yield 
stress, %y, was obtained through the Considere plot 
[40]. True yield strain Sty, was taken to be the value of 
se at the true yield stress. For each engineering strain 
rate, the following parameters are determined: 
Young's modulus; engineering yield stress, (~ey, and 
yield strain, sey; true yield stress, (~ty, and strain Sty; 
and draw ratio, X. Young's modulus, E, was calculated 
from the initial slope of the stress-strain plot. The 
draw ratio is defined as 

)~ = 1 + se (2) 

Among the analysed samples, only that annealed at 
160 ~ exhibits fracture over such a strain-rate range. 
Then, for this sample, two parameters were defined in 
addition, i.e. the stress and the strain at break. In the 
following discussion, such parameters are, respectively, 
called ~R (O'eR o r  (~tR) and SR (e~R o r  StR ). 

2.2.2. Tensile tests at high strain rates 
Tensile experiments at high strain rates ranging from 
10 to 3• 10 +2 s-1 were performed at room temper- 
ature by means of a new tensile VHS 25 servohyd- 
raulic machine provided by Schenk Company. The 
sample was gripped to a piston rod which is displaced 
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at a velocity in the 0.1-20 m s-  1 rate range. The posi- 
tion of the piston rod and then the displacement of the 
sample versus time can be assessed by both the usual 
transducer and an optical extensometer. The load was 
measured versus time by means of a piezoelectric 
crystal ring of 250 N in the fixture assembly and 
placed on the fixed end of the specimen. In order to 
avoid inertial effects of the fixture assembly, special 
grips for films were used. Measurements were carried 
out at various piston rod velocities from 0.3-10 m s-  1. 
As the initial length of specimen was 33 mm, the 
corresponding strain rates were in the 10 to 3 x 
10 +2 S- z range. Then, for each strain rate, such a setup 
provided the evolution of both load and specimen 
displacement versus time. Such curves were converted 
into usual engineering stress-strain plots according 
to the method described above. For  each measure- 
ment, Young's modulus, E, stress at break, (~R (O'eR or  
OtR) and strain at break, eR (eeR or erR), were deter- 
mined. In addition, for the sample annealed at 70 ~ 
engineering and true yield stress and strain were 
evaluated. 

2.3. Differential scanning calorimetry (DSC) 
Changes in microstructure induced by drawing were 
investigated by means of DSC. Thus, for quenched 
iPP film, samples were cut from drawn dog-bone- 
shaped specimens in the centre between the grips 
where necking or failure occurs. At low strain, i.e. 
0.05 s-  ~ (100 mm min-  1), the changes in microstruc- 
ture in such a sample were analysed at various draw 
ratios, i.e. from 1-7. 

2.4. Wide-angle X-ray diffraction (WAXD) 
Samples cut from the neck region of quenched iPP 
films drawn at X = 7 at various strain rates were also 
analysed by WAXD. Diffraction profiles were re- 
corded by means of a Siemens D500 diffractometer 
using CuK~ between 5 ~ and 50 ~ with a 0.02 ~ scan. 

3. Results and discussion 
3.1. Tensile mechanical behaviour 
Fig. 1 shows the engineering and true stress-strain 
curves recorded for the quenched sample at low strain 
rate, i.e. 0.05 s-  !. It is noted that engineering and true 
yield stresses are almost equal. For  such a strain rate, 
no fracture occurs and the sample displays a well- 
defined yield point followed by a steep drop in stress 
before necking occurs. 

Hardening becomes noticeable at about 400% en- 
gineering strain. Quenched film can be extended to 
over 600%, at which point the machine extension limit 
is reached and sample fracture does not occur. Thus, 
quenched iPP drawn at 0.05 s-  1 exhibits an engineer- 
ing yield stress of about 21 MPa and a Young's 
modulus of 660 MPa. 

Fig. 2 shows engineering stress-strain curves re- 
corded at various strain rates from 0.05-200 s-1 for 
the quenched film. No fracture occurs in samples 
drawn at 0.05 and 0.5 s-1. At higher strain rates, i.e. 
10, 105 and 200 s -1, samples become brittle. Thus, 
such a sample exhibits two kinds of mechanical behav- 
iour, i.e. ductile then brittle, with increasing strain rate. 
Then, the drawability of quenched iPP films decreases 
with increasing deformation rate. 
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Figure 1 (a) Engineering and (b) true stress-strain curves of quenched iPP film drawn at 0.05 s- 1. Inset: an enlargement of the yield-point 
region. 
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Figure 2 Engineering stress-strain curves of quenched iPP film drawn at (a) 0.05 s-  1, (b) 0.5 s- 1, (c) 10 s v 1, (d) 105 s-  1 and (e) 200 s-  1. Inset: 
an enlargement of the yield-point region. 
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Figure 3 Engineering stress strain curves of the samples annealed 
at (a, b) 70 ~ and (c, d) 160 ~ and drawn at (a, c) 0.5 s -  1 and (b, d) 
10s -1. 
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Figure 4 Enlargements of the yield-point region for the samples 
annealed at (a, b) 70 ~ and (c, d) 160 ~ and drawn at (a, c) 0.5 s 1 
and (b, d) 10 s-  1. 

As an example, Fig. 3 shows the engineering 
stress-strain curves recorded for the samples annealed 
at 70 ~ and 160 ~ at low and high strain rates, i.e. 0.5 
and 10s-L Fig. 4 shows, more precisely, the 
stress-strain curves recorded in the yield-point region. 
Only the sample annealed at 70 ~ exhibits a well- 
defined yield point followed by a drop in stress. In 
contrast, at high strain rate, the sample annealed at 
160 ~ exhibits a rough brittle behaviour without neck 
forming. 

Tables I and II report the engineering and true 
mechanical characteristics for the quenched film and 
the samples annealed at 70 and 160~ drawn at 0.5 
and at 10 s-1. 

3. 1. 1. Evolution of  the Young's modulus 
and y ie ld stress versus the strain rate 

Figs 5 and 6, show the evolution of the Young's 
modulus and engineering yield stress, respectively, 
with the logarithm of the engineering strain rate for 
the quenched film and the annealed samples at 70 and 
160 ~ Similar variation of the true yield stress versus 
strain rate is observed. For any thermal treatment, it 
can be observed that both the Young's modulus and 
the yield stress tend to increase with increasing 
strain rate. Only the sample annealed at 70~ 
exhibits a yield point for strain rates above 1 s- 1. The 
quenched film and the sample annealed at 160~ 
exhibits a brittle behaviour at high strain rates. 
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TAB LE I Values of engineering and true mechanical characteristics for samples annealed at various temperatures and drawn at 0.5 s -  z at 
room temperature 

Annealing Engineering True 
temperature E 

(~ (~ey Eey O'eR ~cR I~ty Cty (YtR err (M Pa) 
(MPa) (%) (MPa) (%) (MPa) (%) (MPa) (%) 

20 28 9 - - 31 9 - - 630 
(quenched) 

70 21 14 - - 25 13 - - 440 
160 40 11 38 67 44 11 64 52 740 

TA B L E I I Values of engineering and true mechanical characteristics for samples annealed at various temperatures and drawn at 10 s -  ~ at 
room temperature 

Annealing Engineering True 
temperature E 

(~ (Yey Eey O'eR EcR r Ety CYtR ErR (MPa) 
(MPa) (%) (MPa) (%) (MPa) (%) (MPa) (%) 

20 - - 35 10 - - 38 10 680 
(quenched) 

70 30 15 20 50 34 14 30 41 580 
160 - - 49 9 - - 53 9 1100 
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Figure 5 Evolution of the Young's modulus, E, with the logarithm 
of the engineering strain rate for (D) the quenched film and for the 
samples annealed at (&) 70 ~ and ( I )  160 ~ 

Moreover, for the sample annealed at 70 ~ a strong 
increase in the yield stress is observed for strain rates 
above 10 s- 1. 

Such a strain-rate dependence of E and C~ey is con- 
sistent with the relaxational character of the glass 
transition, which is located at about room tempera- 
ture, i.e. at the tensile test temperature. Thus, with 
increasing the strain rate, the amorphous phase of the 
analysed samples progressively behaves as a glassy 
material, and both the apparent modulus and cyey in- 
crease. 

Moreover, over the analysed strain-rate range, the 
sample annealed at 70 ~ tends to exhibit the lowest 
value of Young's modulus, in particular, lower than 
tha t  displayed by the quenched film, which shows the 
same crystallinity ratio. Thus, it can be proposed that 
the apparent modulus of iPP film is governed not only 
by the crystallinity ratio but also by the physical 
cross-linking degree of the amorphous phase induced 
by the crystalline phase. In fact, from microstructure 
analysis reported in Part I [39], it was shown that the 
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Figure 6 Evolution of the engineering yield stress versus the logar- 
ithm of the engineering strain rate for (D) the quenched film and for 
samples annealed at (&) 70 ~ and (0) 160~ 

annealing at 70 ~ leads to an increase in the size of 
the crystalline entities and then to a decrease in the 
physical cross-linking degree of the amorphous phase. 
Furthermore, whatever the strain rate, the sample 
annealed at 160~ displays the highest value of 
Young's modulus. It should be recalled that such 
a sample exhibits the highest crystallinity ratio. Thus, 
we can conclude that the strong reinforcement effect 
induced by the high crystallinity ratio is not counter- 
balanced by the weak physical cross-linking degree of 
the amorphous phase of such a sample, as determined 
in Part I. 

3. 1.2. Evolution o f  the stress and strain at 
break versus the strain rate 

Figs 7 and 8 show the evolution of the engineering 
stress, O~R, and strain eeg, at break, respectively, versus 
the logarithm of the engineering strain rate for the 
quenched film and the samples annealed at 70 and 
160~ Only the sample annealed at 160~ exhibits 
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Figure 8 Evolution of the engineering strain at break versus the 
logarithm of the engineering strain rate for (D) the quenched film 
and for samples annealed at (A) 70~ and (O) 160 ~ 

fracture at low strain rates, i.e. at strain rates less than 
1 s-1. In such a strain-rate range, the quenched film 
and the sample annealed at 70 ~ both exhibit a duc- 
tile behaviour. For strain rates above 10 s -1, the 
quenched film and the sample annealed at 160~ 
exhibit a drastic increase in the stress at break. More- 
over, on increasing the strain rate from 0.005 s-1 to 
1 s-1, the strain at break of the sample annealed at 
160~ strongly decreases and then remains almost 
constant for strain rates above 10 s- 1. It is noted that 
the strain at break of the quenched film also remains 
constant for strain rates above 10 s-1 and equal to 
that displayed by the sample annealed at 160~ In 
contrast, the strain at break of the sample annealed at 
70 ~ progressively decreases on increasing strain rate 
to above 10 s 1, but it remains higher than the low 
value reached by both the quenched film and the 
annealed sample at 160 ~ Thus, the sample annealed 
at 70~ exhibits the highest drawability, in particular, 
greater than that displayed by the quenched iPP film 
which shows the same crystallinity ratio. 

Previously, it was shown that the "elastic" proper- 
ties, i.e. apparent modulus and yield stress, are mainly 
governed by both the crystallinity ratio and the 

molecular motion ability of the amorphous phase. To 
interpret the changes in drawability, we must consider, 
in addition, the perfection degree of the crystalline 
phase. In fact, assuming the iPP film to be composite 
materials constituted by an amorphous phase rein- 
forced with a crystalline phase, it can be deduced that 
the deformation of the film results from the following 
macroscopic mechanisms. On drawing, whatever the 
rate of deformation, the amorphous phase first under- 
goes applied stress, because it is more disordered and 
softer than the crystalline phase. The deformation 
ability of the amorphous phase could depend on the 
molecular motion ability of the macromolecular 
chains of such a phase, i.e. the ability of chains in 
the amorphous phase to be extended along the draw 
direction. Then, the amorphous phase can impart 
stress to the crystalline entities whose plastic deforma- 
tion ability is governed by the crystal defect concen- 
tration. Thus, the sample annealed at 70 ~ exhibits 
the highest drawability, in particular, greater than that 
displayed by the quenched iPP film which has the 
same crystallinity ratio. It is proposed that for the 
annealing treatment at 70 ~ the sum of the effects on 
drawability induced by both the increase in degree of 
perfection of the crystalline phase and the decrease in 
physical cross-linking degree of the amorphous phase, 
could pass through an optimum. For the sample an- 
nealed at 70 ~ the lower drawability exhibited by the 
quenched iPP film could result from the strong phys~ 
ical cross-linking degree of the amorphous phase by 
many crystalline entities, in spite of the lowest degree 
of perfection of the microcrystallites exhibited by the 
as-received film. In contrast, the sample annealed at 
160~ exhibits the weakest drawability. The brittle- 
ness displayed by the sample annealed at 160 ~ could 
mainly result from both the high crystallinity ratio 
and degree of perfection of crystallites. Such effects are 
not counterbalanced by the increase in molecular mo- 
bility of chains in the amorphous phase shown by such 
a sample. 

The drastic change in the mechanical behaviour 
exhibited by the quenched film and the sample an- 
nealed at 160~ for strain rates above 10 s -1, could 
correspond to a change in the mechanisms of fracture, 
i.e. at strain rates less than 10 s 1, the amorphous 
phase of iPP samples rather behaves as a viscoelastic 
material and shear yielding could predominate, while 
at higher strain rates, the amorphous phase behaves as 
an elastic material (glassy material) and then brittle 
behaviour and crazing are favoured. 

3.2. Changes in microst ructure of quenched 
f i lm after d rawing  

3.2. 1. Microstructure evolution o f  samples 
drawn at low strain rates 

Quenched iPP films drawn at low strain rates, i.e. 
from 0.005=0.5 s-1, exhibit ductile behaviour. In or- 
der to obtain evidence for microstructure evolution 
occurring on drawing, samples were cut in the centre 
of the dog-bone-shaped specimens drawn at various 
X values, i.e. from 1, corresponding to the yield point, 
to 7 related to the maximum of strain hardening. 
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For example, Fig. 9 shows the superimposition of 
the thermograms recorded at the same heating rate 
(10~ -1) for quenched iPP film undrawn and 
drawn at % = 4 at 0.05 s-1. Table III compares the 
values of the characteristic parameters determined 
from thermogram analysis for the samples drawn for 
various draw ratios at the same strain rate (0.05 s-1). 
The main changes in microstructure induced by draw- 
ing, on increasing the draw ratio, at low strain rates 
can be summarized as follows. 

(i) At draw ratio % = 1, which corresponds to the 
yield point, no change in original microstructure is 
detected. 

(ii) At draw ratios above 1, the first endothermic 
peak (T1), related to the melting of microcrystallites, is 
significantly shifted towards the lower temperature of 
about 20 ~ whatever the draw ratio. Thus, it can be 
concluded that original microcrystallites convert into 
crystalline entities exhibiting smaller size and/or 
a lower degree of perfection. It can be proposed that 
the addition of "crystallographic defects" induced by 
drawing in the original microcrystallites, which still 
exhibit a large disorder, could favour the progressive 
plastic deformation of such a paracrystalline phase. 
Then, in spite of an eventual increase in the local 
temperature in the neck region which could lead to 
annealing effects, i.e. an increase in both the size and 
the degree of perfection of crystallites, drawing, glo- 
bally, could lead to a true chain unfolding of these 
distorted crystalline entities. 

Consequently, the macromolecular chains in the 
amorphous phase can exhibit a better ability to extend 
along the draw direction, because of the decrease in 
the physical cross-linking degree of the amorphous 
phase. 

(iii) For draw ratios above 2, the upper endother- 
mic peak (T3) related to the melting of the monoclinic 
phase is shifted towards the higher temperatures and 
the crystallinity ratio is increased. Thus, we suppose 
the formation of an additional more stable crystalline 
phase occurs, perhaps of monoclinic habit. But 
WAXD experiments do not provide evidence for such 
a formation of crystallites of monoclinic habit induced 
by drawing (see below). Thus, the shift of the T3 peak 
towards the higher temperature could result from 
a better ability of the remaining crystalline entities to 
reorganize, on heating, into thicker and/or more per- 
fect lamellae of monoclinic habit. 

The WAXD spectrum recorded for a sample drawn 
at % = 7 (0.05 s-1 strain rate) is shown in Fig. 10. 
Along and perpendicular to the drawing direction, 
there is a notable disappearance of the reflection pro- 
file located at about 21 ~ (20). This suggests that the 
drawing could lead to a preferential orientation of the 
remaining crystallites along a direction intermediate 
between 0 ~ and 90 ~ with respect to the drawing direc- 
tion. 

Similar evolution of the original microstructure of 
quenched iPP film versus draw ratio was detected for 
samples drawn at other strain rates ranging from 
0.005-0.5 s- 1. 
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Figure 9 Thermograms recorded at 10~ -~ for (a) the un- 
drawn quenched iPP film and (b) a drawn (X = 4) sample at an 
engineering strain rate of 0.05 s ~: 

T A B L E  I I I  Characteristic parameters of thermograms recorded 
at 10 ~ i for samples drawn at various draw ratios (0.05 s- l) .  
T~, temperature of the first endothermic peak; T3, temperature of 
the upper endothermic peak; Xc, erystallinity ratio 

Draw ratio, X T1 (~ T3 (~ X~ (%) 

0 63 164 65 
1 63 163 66 
2 40 165 64 
4 40 169 68 
7 38 171 72 
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3.2.2. Microstructural changes induced by 
drawing at high strain rates 

Samples for analysis were cut in the broken region of 
specimens drawn at various high strain rates from 
100-290 s- 1. Thermograms recorded at 50 ~ min- 1 
were compared to that displayed by the undrawn 
sample at the same heating rate. For example, Fig. 11 
shows the superimposition of the thermograms re- 
corded for the as-received film and the sample drawn 
at 170 s- 1. Table IV lists the characteristic parameter 
values determined from thermogram analysis (DSC) 
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Figure 10 Wide-angle X-ray diffraction profiles of the quenched 
sample drawn at X = 7 at an engineering strain rate of 0.05 s -  ~ 
recorded (e) along and (b) perper, dicular to the drawing direction. (a) 
Diffractogram of the undrawn sample is given as reference. 
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Figure 11 Thermograms recorded at 50~  - !  for (a) the un- 
drawn quenched film and (b) for the broken sample tested at an 
engineering strain rate of 170 s-1.  

T A B L E  IV Characteristic parameters of thermograms recorded 
at 50~  -1 for samples drawn at various strain rates. T1, 
temperature of the first endothermic peak; T 3, temperature of the 
upper endothermic peak; Xc, crystallinity ratio. 

Engineering strain rate (s-  1) T 1 (~ T 3 (~ X c (%) 

0 63 160 60 
(undrawn sample) 
100 59 156 56 
150 59 157 56 
170 59 157 56 
190 60 156 63 
290 59 156 62 

cant change in crystallinity ratio is detected, it can be 
concluded that drawing at such strain rates does not 
induce crystallization. 

4. Conclusion 
The tensile mechanical behaviour of quenched iPP 
film and samples annealed for 10 min at 70 and 160 ~ 
was investigated at room temperature over a wide 
range of strain rates from 10 s to 3 x 10 + 2 s-1. From 
analysis of the evolution of both yield stress and 
Young's modulus versus the annealing temperature, it 
is proposed that the elastic behaviour of quenched iPP 
films is mainly governed by the physical cross-linking 
degree of the amorphous phase and the crystallinity 
ratio. 

The drawability of such samples is controlled not 
only by the microstructural parameters governing the 
elastic behaviour, but also by the degree of perfection 
of the crystalline entities. 

Thus, on increasing the annealing temperature, the 
degree of perfection of the crystalline phase is in- 
creased, leading to a reduction in the plastic deforma- 
tion ability of the crystalline phase while physical 
cross-linking degree of the amorphous phase is de- 
creased. Thus, the sample annealed at 70 ~ exhibits 
the greatest drawability because the sum of the oppo- 
site effects induced by such microstructural para- 
meters passes through an optimum. The drawability 
of such films can also be influenced by the crystallinity 
ratio which acts in a similar way to the degree of 
perfection of the crystalline phase. 

of samples drawn at the strain rates between 100 and 
290 s- 1. 

The main changes in the DSC characteristic values 
of broken samples with respect to those of the un- 
drawn sample are: 

(i) a constant shift of the T1 and T 3 peaks towards 
the lower temperature of about 6 and 4 ~ respective- 
ly, whatever the strain rate; 

(ii) no significant change in the crystallinity ratio. 
Thus, it can be concluded that drawing at high strain 
rate, globally, leads to a decrease in the size and/or the 
degree of perfection of the original microcrystallites. 
Such an effect appears to be less than that observed for 
samples drawn at lower strain rates. In fact, the shift of 
the T1 peak towards lower temperatures (6~ is 
weaker than that observed for samples drawn at lower 
strain rates (20 ~ Thus, it can be proposed that, at 
high strain rates, the unfolding of the crystalline enti- 
ties induced by drawing could be counterbalanced by 
annealing effects, because of an eventual increase in 
the local temperature. Moreover, with respect to the 
influence of drawing performed at low strain rate on 
the T 3 location, it can be noted that drawing at high 
strain rates acts in the opposite sense. The shift of the 
T 3 peak towards lower temperatures could show that 
crystallites of monoclinic habit, formed on heating 
from the melting of the microcrystallites, exhibit 
a smaller size and/or degree of perfection than those 
shown by undrawn samples. As no signifi- 
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